We investigate the luminescence of Ga-and N-polar In x Ga 1−x N/In y Ga 1−y N quantum wells grown by plasma-assisted molecular beam epitaxy on freestanding GaN as well as 6H-SiC substrates. In striking contrast to their Ga-polar counterparts, the N-polar quantum wells prepared on freestanding GaN do not exhibit any detectable photoluminescence even at 10 K. Theoretical simulations of the band profiles combined with resonant excitation of the quantum wells allow us to rule out carrier escape and subsequent surface recombination as the reason for this absence of luminescence. To explore the hypothesis of a high concentration of nonradiative defects at the interfaces between wells and barriers, we analyze the photoluminescence of Ga-and N-polar quantum wells prepared on 6H-SiC as a function of the well width. Intense luminescence is observed for both Ga-and N polar samples. As expected, the luminescence of the Ga-polar quantum wells quenches and red-shifts with increasing well width due to the quantum confined Stark effect. In contrast, both the intensity and the energy of the luminescence from the N-polar samples are essentially independent of well width. Transmission electron microscopy reveals that the N-polar quantum wells exhibit abrupt interfaces and homogeneous composition, excluding emission from In-rich clusters as the reason for this anomalous behavior. The microscopic origin of the luminescence in the N-polar samples is elucidated using spatially resolved cathodoluminescence spectroscopy. Regardless of well width, the luminescence is found to not originate from the N-polar quantum wells, but from the semipolar facets of ∨-pit defects. These results cast serious doubts on the potential of N-polar In x Ga 1−x N/In y Ga 1−y N quantum wells grown by plasma-assisted molecular beam epitaxy for the development of long-wavelength light emitting diodes. What remains to be seen is whether unconventional growth conditions may enable a significant reduction in the concentration of nonradiative defects.
I. INTRODUCTION
The growth of In x Ga 1−x N alloys along the [0001] direction (known as N-polar orientation) with high In contents has regained interest because it offers potential advantages for the fabrication of green lightemitting diodes (LEDs). Despite the rougher surfaces and higher concentrations of impurities in N-polar group-III nitride films as compared to their Ga-polar (i. e., [0001] oriented) counterparts grown under identical conditions, 1-5 the [0001] orientation offers two interesting advantages. The first of these advantages is an enhanced In-incorporation efficiency. 5, 6 This phenomenon is the result of the higher thermal stability of N-polar InN and paves the way for the use of signif- icantly higher substrate temperatures 7 that may help to improve the crystal quality as well as to minimize the incorporation of impurities. The second advantage is related to the expected improvement in device performance caused by the reversed direction of the polarization fields in the quantum wells (QWs) that constitute the active region of LEDs. As discussed in Ref. 8 , this fact should result in lower turn-on voltages and higher internal quantum efficiencies. Unlike other epitaxial growth techniques, where the incorporation of high In contents is challenging due to the low decomposition efficiency of NH 3 at reduced substrate temperatures, 9 plasma-assisted molecular beam epitaxy (PA-MBE) facilitates the synthesis of In x Ga 1−x N alloys across the entire compositional range. [10] [11] [12] Inspired by the potential advantages of N-polar In x Ga 1−x N alloys,Akyol et al. 13 demonstrated the PA-MBE growth of N-polar In x Ga 1−x N LEDs emitting at 540 nm in 2011. 13 However, in contrast to this encouraging work, some disconcerting results have been recently reported byChèze et al. 4 who analyzed the optical properties of In x Ga 1−x N/In y Ga 1−y N QWs grown by PA-MBE along the [0001] and [0001] directions. Despite a comparable structural and morphological qual-ity of their Ga-and N-polar QWs, the latter did not exhibit any detectable photoluminescence (PL) associated with the In x Ga 1−x N/In y Ga 1−y N QWs. In contrast, an unclad thick (150 nm) N-polar In x Ga 1−x N layer grown under identical conditions did show intense emission in the red spectral range. Therefore,Chèze et al. 4 attributed the lack of luminescence in the N-polar QWs to either surface-induced electric fields, causing carriers to escape from the QWs and to subsequently recombine at the surface nonradiatively, or to a high concentration of non-radiative defects located at the interfaces between wells and barriers. The poor luminous efficiency of N-polar In x Ga 1−x N QWs does not seem to be a specific problem of PA-MBE, but has also been reported for Npolar In x Ga 1−x N/In y Ga 1−y N QWs grown by metal organic chemical vapor deposition (MOCVD). 3, 14, 15 Also for the case of MOCVD, this phenomenon is not understood yet, but has been tentatively attributed to higher dislocation densities 14 as well as to elevated residual impurity concentrations. 3, 14 In this work, we investigate the luminescence of Gaand N-polar In x Ga 1−x N/In y Ga 1−y N QWs to find a consistent explanation for the differences in their efficiencies. Carrier escape and surface recombination is ruled out by combining simulations of the band profiles with PL measurements carried out with resonant excitation. To explore the remaining possibility, namely, the presence of a high concentration of nonradiative defects at the interfaces between wells and barriers, we analyze Ga-and N-polar QWs with different widths. The PL spectra of Ga-polar QWs exhibits the expected behavior, i. e., it quenches and red-shifts with increasing QW width. For the N-polar samples, we observe an intense emission whose intensity and energy do not depend on the QW width. The analysis of the N-polar QWs by transmission electron microscopy (TEM) reveal a random alloy composition and the absence of clustering. The anomalous behavior of the PL is thus not caused by the localization of excitons at alloy inhomogenities. The actual origin of the luminescence is clarified using spatially resolved cathodoluminescence (CL) spectroscopy. These measurements show that, regardless of the QW width, the luminescence does not arise from the N-polar QWs themselves but from semipolar ones formed in ∨-pit defects.
II. EXPERIMENTS AND METHODS
The samples used in this study were independently prepared by two groups (TopGaN and PDI) using different PA-MBE systems and substrates. Samples A and B were prepared at TopGaN. They were grown in a V90 VG Semicon MBE system equipped with a UNI-Bulb Veeco radio-frequency N 2 plasma source for active N, and solid-source effusion cells 4, 6, 7 More details about the growth conditions and properties of these samples can be found elsewhere. 4 Two additional series of samples (C-F and G-J) were grown at PDI in a custom-designed CRE-ATEC PA-MBE system equipped with a UNI-Bulb Veeco radio-frequency plasma source for the generation of active N, and solid-source effusion cells for Ga and In.
Samples C-F contain five Gapolar In x Ga 1−x N/In y Ga 1−y N QWs prepared on 6H-SiC(0001) substrates. The other samples (G-J) contain nominally identical structures on 6H-SiC(0001), i. e., they are of opposite polarity. 5, 16 The typical TD density of GaN layers grown by PA-MBE on 6H-SiC is on the order of 10 10 cm −2 . 5, 17 The backside of the substrates was coated with Ti for efficient heat absorption during growth. The as-received SiC substrates were prepared following the procedure described in Ref. 18 21 For all these samples, the nominal width of the barriers and the thickness of the final cap layer were 10.1 and 30 nm, respectively. The nominal width of the QWs was varied for each type of substrate between 2.6 and 12 nm. Regardless of the QW width, we observed a streaky reflection high-energy electron diffraction pattern during the growth of the samples.
The morphological and structural properties of the samples were analyzed by atomic force microscopy (AFM) and HR-XRD, respectively. XRD experiments were performed with CuKα 1 radiation (wavelength λ = 1.54056Å) using a Panalytical X-Pert Pro MRD system equipped with a Ge(220) hybrid monochromator. Symmetric ω-2θ scans across the GaN 0002 Bragg reflection were measured with a three-bounce Ge(220) analyzer crystal. The experimental results were simulated using the dynamical x-ray diffraction model reported in Ref. 22 .
To gain further insights into the structural properties of the samples, we used TEM. The cross-sectional TEM specimens were prepared by mechanical tripod polishing followed by Ar + milling until reaching electron transparency. All measurements were performed using an aberration-corrected FEI TITAN 80 − 300 electron microscope operated at 300 keV.
The optical properties of the samples were investigated by low-temperature (10 K) µ-PL and CL spectroscopy. Depending on the well width, PL was excited using either the 413 nm line of a Kr + laser or the 473 nm line of a diode-pumped solid-state laser. In both cases, the PL was dispersed by an 80 cm Horiba Jobin Yvon monochromator and detected by a charge coupled device detector. All measurements were corrected for the spectral response of the PL setup. CL measurements were performed at acceleration voltages of 3-5 kV using a Gatan Mono-CL3 CL system equipped with a parabolic mirror for light collection and with both a photomultiplier and a charge-coupled device (CCD) for detection mounted to a Zeiss Ultra55 field-emission scanning electron microscope (SEM). Monochromatic images were taken with a spectral resolution window of 1-2 nm.
The band profiles and wavefunctions were computed using a self-consistent Schrödinger-Poisson solver. 23 To account for the different residual doping of Ga-and N-polar samples, 4 we set the donor densities in samples A and B to 5 × 10 16 and 1 × 10 18 cm −3 , respectively. Fermi-level pinning at the surface was taking into account. In accordance with the results reported in Ref. 24 , for our samples exposed to air, we assumed that the Fermi level is pinned 0.6 and 0.27 eV below the conduction band minimum for the Ga-and N-polar samples, respectively. Nevertheless, our results do not qualitatively depend on the value at which the Femi level is actually pinned. 24, 25 The InN and GaN band gaps as well as the bowing parameter used to estimate the corresponding values of the In x Ga 1−x N and In y Ga 1−y N layers were extracted from Refs. 26 and 27, respectively. For the electron and hole effective masses, we used the values recommended by Vurgaftman and Meyer. 28 To calculate the polarization fields, we used the parameters reported in Ref. 29 by Fiorentini and Bernardini. To investigate whether the lack of PL for N-polar In x Ga 1−x N/In y Ga 1−y N QWs reported byChèze et al. 4 may be caused by carrier escape from the QWs, we calculated the band profiles of Ga-and N-polar QWs, and performed low-temperature (10 K) µ-PL experiments with resonant excitation. Figure 1 presents the simulated band profiles for the Ga-and N-polar QWs studied byChèze et al. 4 (samples A and B). We also present the calculated groundstate electron and hole wave functions for the second QW. Similar results were obtained for the other two QWs (not shown here for clarity).
Simulation of the band profiles
For the N-polar In x Ga 1−x N/In y Ga 1−y N QWs (sample B), the electric field near the sample surface is stronger and of opposite direction compared to their Ga-polar counterparts. In the cap layer, electrons are thus pulled toward the surface and holes dragged into the QW region. Due to the reverse direction of the piezoelectric fields, the direction of the electric field inside the QWs is also opposite for samples A and B. Because of this reason, electron and hole wave functions are localized at opposite QW/QB interfaces.
The simulations demonstrate that the electron and hole ground states are well confined into the QWs for both samples. To reach the surface, both electrons and holes would have to overcome large barriers, particularly so for sample B. In fact, comparing the spatial extension of the wavefunctions, the confinement of both electrons and holes is seen to be significantly stronger in the QWs of sample B as a result of the reversed fields and the higher In content (see Table I ). An escape of carriers from the QWs seems hardly possible for sample A, but much less so for sample B.
Finally, we note that the overlap between the electron and hole wave functions is about a factor of two larger for sample A as compared to sample B. This reduction in overlap, due to the slightly larger QW thickness as well as the stronger electric field caused by the higher In content, could explain a corresponding quenching of the luminous efficiency (assuming an equally strong nonradiative participation in recombination), but certainly not the absolute lack of luminescence reported byChèze et al. 
Low-temperature photoluminescence with resonant excitation
The low-temperature (10 K) PL experiments reported byChèze et al. 4 were performed using the 325 nm line of a He-Cd laser. For this wavelength, most carriers are not directly excited in the QWs but in the cap layer and the surrounding QBs. The QW emission may then be suppressed by nonradiative recombination in the QB, competing with the capture of carriers by the QWs. To exclude this possibility, we here examine the PL spectra of samples A and B obtained by direct excitation at 413 nm. Figure 2 shows the low-temperature PL spectra of samples A and B recorded with direct excitation. For sample A, we observe a strong emission at ≈ 2.75 eV as well as its longitudinal optical (LO) phonon replica from the Ga-polar In x Ga 1−x N QW. The yellow band centered at ≈ 2.25 eV stems from the GaN substrate. For sample B, we observe only the yellow band at ≈ 2.25 eV and a sharp feature at 2.82 eV which originates from second order optical phonon scattering but no emission line which could be associated to the N-polar In x Ga 1−x N QW. The results presented in the previous section demonstrate the presence of an efficient nonradiative recombination channel within N-polar In x Ga 1−x N/In y Ga 1−y N QWs. BecauseChèze et al. 4 observed an intense luminescence from thick N-polar In x Ga 1−x N layers grown under similar conditions (comparable to the intensity observed in Ga-polar In x Ga 1−x N/In y Ga 1−y N QWs), the most plausible explanation for the lack of luminescence is a high concentration of nonradiative defects at the QW/QB interfaces. Within the classical treatment of surface and interface recombination, 30 and assuming a diffusion length much larger than the layer thickness, the nonradiative rate is expected to decrease linearly with the thickness of the layer. In the present case, the location of the charge carriers is determined not by diffusive transport but by drift in the strong internal electrostatic field within the In x Ga 1−x N QWs, and it is thus doubtful whether this expectation still holds. To investigate this scenario, we analyze the luminescence of nominally identical Ga-and N-polar In x Ga 1−x N/In y Ga 1−y N structures as a function of the width of the In x Ga 1−x N QW (samples C-J).
Morphological and structural characterization
The morphological and structural properties of the QW samples prepared on SiC were investigated by AFM and XRD. Figures 3(a) and 3(b) show characteristic 20 × 20 µm 2 AFM images of two QW samples grown along the [0001] and [0001] directions, respectively. For the Ga-polar QWs (samples C-F), the surfaces are characterized by atomic steps and hillocks. The latter originate from spiral step-flow growth around screw dislocations. The density of hillocks is on the order of ≈ 1 × 10 7 cm −2 and the rootmean-square roughness (rms) is lower than 1 nm. The surfaces of the N-polar QWs (samples G-J) are much rougher with rms values as high as 8 nm. These larger values are primarily due to the presence of a high density of pits as shown in Fig. 3(b) . and simulated profiles, including the complex interference fringes modulating the satellites, reflects the high periodicity and the abrupt interfaces of the In x Ga 1−x N/In y Ga 1−y N quintuple QW structure. The structural parameters for the Ga-polar samples C-F are thus obtained with high accuracy. For the N-polar In x Ga 1−x N/In y Ga 1−y N QWs, we also observe satellite peaks up to fourth order [see Fig. 4(b) ], but all satellites (including the zeroth order one) are significantly broadened compared to the simulation. This broadening indicates a significant compositional variation within the structure. Due to this broadening, the error in the structural parameters obtained for the N-polar samples G-J is larger than for their Ga-polar counterparts. However, we consistently obtain QW and QB widths comparable to those of samples C-F, and a higher In content x [on average (21.3 ± 2.2)% as compared to (13.5 ± 0.6)% for samples C-F]. This latter result reflects again the enhanced In incorporation efficiency along the [0001] direction as reported previously by several groups. 4, 6, 7 2. Low-temperature photoluminescence with resonant excitation Figure 5 presents the low-temperature (10 K) µ-PL spectra excited at 413 nm (473 nm for samples E and F) of the Ga-(a) and N-polar (b) In x Ga 1−x N/In y Ga 1−y N QWs. For the Ga-polar samples [ Fig. 5(a) ], a strong QW-related emission centered at 2.81 and 2.54 eV was observed for the two samples with the narrowest QWs, i. e., sample C and sample D, respectively. For sample E, the donor-acceptor-pair (N-Al) emission of SiC dominated the spectrum for excitation at 413 nm (not shown). When exciting with the 473 nm line, we detect a weak but clear emission from the In x Ga 1−x N QWs centered at 2.23 eV. Finally, for sample D, we did not observe any emission that could be ascribed to the QWs. The luminescence band below 2 eV, which is also seen in the PL spectra of the other samples, is due to partial dislocations in faulted regions in the SiC substrate. 31 The N-polar samples, the spectra of which are shown in Fig. 5(b) , behave completely different: for all samples, we detect a broad emission band much more intense than any emission from SiC. Neither the energy position nor the intensity of this band seems to depend systematically on QW width.
Figures 5(c) and 5(d) show the energy and the integrated intensity of the In x Ga 1−x N emission as a function of the QW width for the two series of samples. For the Ga-polar samples, both quantities exhibit the expected trend, namely, the peak red-shifts and quenches with increasing width due to the quantumconfined Stark effect (QCSE). In contrast, for the Npolar samples, the peak does neither exhibit a continuous red-shift nor quench with increasing QW width. In fact, the N-polar samples are brighter than their Ga-polar counterparts with the sole exception of the sample with the thinnest QWs.
These results are in striking contrast to those presented in Sec. III A 2 and those reported in Ref. 4 . The independence of PL energy and intensity on QW width observed for samples G-J could be understood if the emission would be dominated by strongly localized states created by non-random alloy inhomogeneities. [32] [33] [34] [35] [36] [37] Strong alloy fluctuations would also be consistent with the broadening of the satellite peaks observed in the triple-crystal ω-2θ scans discussed in Sec. III B 1. In the following, we therefore investigate the samples at a microscopic and nanometric scale by TEM. In addition, we attempt to unravel the microscopic origin of the emission observed by spatially-resolved CL spectroscopy.
Transmission electron microscopy
To study the microscopic structure of the N-polar In x Ga 1−x N/In y Ga 1−y N QWs, we analyzed samples G and I by various TEM techniques. Weak-beam darkfield (WBDF) imaging was used to visualize the spatial distribution of different types of dislocations as well as to estimate TD densities. The atomic structure of the QWs was studied by high-angle annular dark-field scanning transmission electron microscopy (STEM-HAADF). High-resolution TEM (HRTEM) was used for a structural analysis of the alloys on an atomic scale. Figures 6(a)-6(c) show cross-sectional WBDF micrographs taken of sample I with different diffraction vectors. The micrographs show that some but not all of the TDs originating at the GaN/SiC interface affect the growth of the In x Ga 1−x N/In y Ga 1−y N QWs and lead to the formation of ∨-pit defects also visible in the AFM images depicted in Fig. 3(b) . The comparison of Figs. 6(a) and 6(b) reveals that the ratio between c-and a-type TDs is approximately 1:5, while their total areal density is in the range of 1-4×10 10 cm −2 . This value is comparable to the typical TD densities reported in the literature for GaN layers grown on 6H-SiC. 5, 17 Quite unexpectedly, Fig. 6 (c) also reveals the presence of a-type misfit dislocations (MDs) in sample I, well below the onset of significant plastic relaxation of the entire film in In x Ga 1−x N layers on GaN. [38] [39] [40] [41] Note, however, that plastic relaxation is only observed locally. Local plastic relaxation can be induced by spatial variations in the growth mode caused by fluctuations in the growth conditions or by the presence of structural and/or morphological defects. Nevertheless, the majority of the interfacial area remains coherently strained as further discussed below. Also note that we did not observe any MDs for sample G (not shown here). in Fig. 7(c) shows that both the lower and the upper QW/QB interfaces are abrupt on an atomic scale (the linear change in the STEM intensity along the growth direction is due to the continuous variation in the specimen width). The broadening of the satellite peaks observed in the XRD profiles [ Fig. 4(b) ] is thus not related to microscopic interface roughness. As shown in Fig. 7(b) , the QW contains 31 atomic planes of In x Ga 1−x N. The widths of the QWs from samples G and I thus measured by STEM-HAADF (3 and 8.4 nm, respectively) are in good agreement with the results derived from the simulations of the corresponding XRD profiles (see Table I ).
We analyzed the same sample region by HRTEM in order to further examine the crystal quality of the active region, and in particular to check the compositional fluctuations of the In x Ga 1−x N/In y Ga 1−y N QWs. Figures 8(a) presents a HRTEM image of the second and third QWs from sample I. A Fourier filtered image (not shown here) confirms the absence of extended defects, such as misfit dislocations or stacking faults, within this region. Figure 8(b) shows the distribution of the local lattice parameter c extracted from a series of HRTEM images similar to the one shown on the Fig. 8(a) . The local lattice parameter was obtained using the algorithm developed in Ref. 42 . Since the QWs are coherently strained, the local lattice parameter c reflects the distribution of the In content inside the QWs. In order to check the compositional uniformity, we construct histograms of the lattice parameter c for two QWs and one QB from sample I as shown in Fig. 9 . For both QWs and the QB, the histograms are well described by Gaussian distributions indicating that the In distribution in our N-polar In x Ga 1−x N/In y Ga 1−y N QWs is essentially random. 42 Hence, the anomalous dependence of emission energy and intensity cannot be ascribed to carrier localization by strong, non-random alloy fluctuations. 
Cathodoluminescence
To elucidate the microscopic origin of the luminescence, we examined the samples simultaneously by SEM and low-temperature (10 K) CL. Figures 10(a) and 10(b) show, for comparison, the superposition of the scanning electron micrographs with the monochromatic CL maps for samples C and G, respectively, for representative spectral windows centered around the peak of the In x Ga 1−x N emission band. For the Ga-polar sample C [ Fig. 10(a) ], the surface is flat and smooth, in good agreement with the AFM measurements. The In x Ga 1−x N-related CL signal is distributed rather uniformly over the entire surface.
The surface of the N-polar sample G [ Fig. 10(b) ] consists of flat and smooth (0001) facets separated by narrow trenches. In addition, a high density of ∨-pits are visible which are seen to have the shape of an inverted pyramid with semipolar facets. The super- position of the scanning electron micrograph with the monochromatic CL map reveals that the In x Ga 1−x Nrelated luminescence does not originate from the flat and smooth (0001) facets but from the semi-polar facets that constitute the ∨-pit defects. In fact, also in monochromatic imaging using other spectral windows or in spectrally resolved measurements on the (0001) facets (not shown here), we did not observe any CL signal that could be ascribed to the N-polar In x Ga 1−x N/In y Ga 1−y N QWs. The reduced piezo-electric field along semipolar directions 43 partly explains the nonsystematic variation of the PL spectrum when increasing the QW width from sample G to J. In any case, the understanding of this variation is, at this point, only of secondary importance. The important result here is the lack of luminescence from the flat (0001) facets that correspond to the regions with well-defined N-polar In x Ga 1−x N/In y Ga 1−y N QWs. This observation confirms the presence of a highly efficient nonradiative recombination channel within the flat regions of the QWs.
IV. DISCUSSION
If N-polar In x Ga 1−x N/In y Ga 1−y N QWs are to be used in light-emitting devices, the origin of this nonradiative channel has to be identified and eliminated. Evidently, TD cannot be at the root of this nonradiative channel since the N-polar In x Ga 1−x N/In y Ga 1−y N QWs studied in Ref. 4 have a TD density of only 10 7 cm −2 , three orders of magnitude lower than samples G-J which were grown on SiC substrates. Yet, as seen in Fig. 2 , these samples were also found to exhibit no In x Ga 1−x N-related emission at all. Misfit dislocations cannot explain our results either because they were not observed in sample G. A higher concentration of nonradiative recombination centers in the bulk of the film, associated to the more efficient incorporation of impurities on the (0001) plane, is unlikely becauseChèze et al. 4 observed an intense luminescence from thick N-polar In x Ga 1−x N layers grown under similar conditions as those used for QWs. We thus believe that the most plausible explanation left is a high concentration of nonradiative point defects located at the QW/QB interfaces. In fact, it is known for other III-V compound semiconductor heterostructures 44 that point defects can segregate on the growth front, and may incorporate at the heterointerface due to the abrupt change of electrochemical potential. This mechanism is particular to a given surface, and may result in very high point defect densities at either the normal or the inverted interface between two materials. A high density of nonradiative point defects at either the In The unexpected luminescence quenching observed in N-polar In x Ga 1−x N/In y Ga 1−y N QWs is not only relevant for the fabrication of LEDs in the form of films but is also of importance for the development of nano-LEDs based on spontaneously formed GaN nanowires (NWs) in PA-MBE. As discussed in Refs. 45-47, these nanostructures, if formed sponta-neously in the absence of structural or morphological defects of the substrate, elongate along the [0001] direction. GaN NWs are thus N-polar and so are In x Ga 1−x N quantum disks inserted into them. Yet, numerous publications report on the luminescence of these N-polar In x Ga 1−x N disks embedded into GaN nanowires. [48] [49] [50] [51] [52] While the luminous efficiency of these structures does not seem to be even close to that of planar Ga-polar In x Ga 1−x N QWs, 49-53 they do luminesce in contrast to the planar QWs studied in the present work. Two essential differences between the In x Ga 1−x N disks inserted in GaN NWs and corresponding planar structures may contribute to this fact: first, GaN NWs are formed under N excess, 54, 55 while planar QWs are grown under metal-stable conditions. The resultingly different stoichiometry at the growth front may very well suppress the formation of nonradiative defects during the growth of the In x Ga 1−x N quantum discs. Second, In x Ga 1−x N disks in GaN NWs have been shown to exhibit large compositional fluctuations, 49, 51, 56 inducing carrier localization which in turn may at least partly prevent nonradiative recombination.
Last but not least, we note that the conditions employed here and in Ref. 4 for the growth of N-polar In x Ga 1−x N/In y Ga 1−y N QWs are those considered to be optimal for their Ga-polar counterparts. These conditions result in an In-terminated surface which is essential for establishing a two-dimensional growth front on the (0001) surface, but may very well result in an enhanced generation of point defects on the (0001) surface. Clearly, further studies are needed to investigate the impact of the surface stoichiometry during growth on the luminous efficiency of N-polar In x Ga 1−x N/In y Ga 1−y N QWs. A promising route to improve the quality of N-polar QWs consists in taking advantage of their higher thermal stability for exploring growth at substrate temperatures not achievable in the growth of Ga-polar In x Ga 1−x N. 57 
V. SUMMARY AND CONCLUSIONS
We have analyzed the properties of Ga-and N-polar In x Ga 1−x N/In y Ga 1−y N QWs grown by PA-MBE under nominally identical conditions on different types of substrates. Ga-polar QWs exhibit a strong luminescence. Both the energy and the intensity of the luminescence are largely determined by the QCSE, and thus by the width of the QWs. In contrast, regardless of the substrate as well as of the QW width, we did not observe luminescence from N-polar QWs. The simulation of the band profiles together with PL measurements carried out with resonant excitation point toward the presence of a very efficient nonradiative recombination channel within the QWs. Because the luminescence quenching is not observed in thick N-polar In x Ga 1−x N layers, the most plausible explanation for this phenomenon is the incorporation of a high density of nonradiative defects at the interfaces between QWs and QBs. The present results demonstrate that the optimized growth conditions for the fabrication of Ga-polar In x Ga 1−x N/In y Ga 1−y N QWs are not suitable for the synthesis of equivalent structures along the opposite direction. In order to take advantage of the potential benefits of the [0001] orientation for the fabrication of green LEDs, it is necessary to develop novel growth approaches designed to eliminate the nonradiative defects in N-polar In x Ga 1−x N/In y Ga 1−y N QWs.
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